Abstract: It is a prerequisite for the occurrence of diffusive phase transformations that the system is in an off-equilibrium condition. The time-dependent development of the variables until equilibrium or steady-state conditions are reached can be calculated by solving the evolution equations that can be derived from the principle of maximum entropy production. These equations provide the theoretical framework for the kinetics of diffusive phase transformations. In this work, the development from sharp interface-local equilibrium (SI-LE) models to thick interface-finite mobility (TI-FM) models is reviewed and presented in the light of the above-mentioned principle. Experimental results indicate that the kinetics of diffusive solid-state phase transformations can, at least in certain ranges of composition and temperature, be modeled in a satisfactory manner by the TI-FM approach only.
INTRODUCTION
Let us assume that two phases, a parent (old, o) and a product (new, n) phase, are separated by an interface. The product phase grows at the expense of the parent phase. The kinetics of diffusive phase transformations is usually governed by the following dissipative processes:
(1) diffusion of components in the bulk of the parent and/or the product phase, (2) migration of the interface by lattice rearrangement, and (3) diffusion of components in the interface (solute drag effect).
In case that (1) is the only rate-controlling process during the transformation, the transformation kinetics can be simulated on the basis of a sharp interface-local equilibrium (SI-LE) approach, see, e.g., [1] . Local equilibrium at the migrating sharp interface means that the jumps of the chemical potentials i.e., [ 
[μ i ]] = μ i
o -μ i n at the interface are zero for each component i. In this context the transition conditions for a quantity, e.g., the chemical potential at the migrating interface are called contact conditions.
The dissipation due to the rearrangement of the lattice (2) can play a role during solid/solid phase transformation and be taken into account by a finite mobility. Accordingly, sharp interface-finite mobility (SI-FM) models have been developed [2, 3] . Thereby, the contact conditions at the migrating sharp interface differ from the contact conditions for local equilibrium. The jumps of the chemical potentials of the interstitial components at the sharp interface with a finite mobility are zero, those of the substitutional components at the interface are all equal and deviate from zero prior to equilibration [4, 5] .
By assigning a finite thickness to the interfacial region dissipation due to diffusion processes in interface (3) can also be considered. Models that take into account all the above-mentioned dissipative processes are presented in the literature [6, 7] . However, most of these thick interface-finite mobility (TI-FM) models are confined to steady-state conditions. In a recent TI-FM model, additional characteristic variables are assigned to the interfacial region of finite thickness, and the evolution equations for all characteristic variables are derived within the framework of the principle of maximum entropy production [8] .
THEORY
The mathematical tools to exploit Gibbs energy minimization and maximum entropy production are quite similar. This can, for example, be demonstrated by comparing the elegant derivation of the wellknown common tangent construction by Purdy and Brechet [9] with the contact conditions at a migrating sharp interface with finite mobility [5] .
Gibbs energy minimization
Let us consider the A + B binary system in a compositional range where both phases α and β may be stable. The equilibrium conditions can be obtained by minimizing a thermodynamic potential (e.g., the Gibbs energy in case of constant temperature and pressure) considering certain constraints, e.g., mass balance equations. By this procedure, it is determined which phases are stable in a certain region.
The unknown variables are the equilibrium mole fractions of B in the α-phase, x α eq , in the β-phase, x β eq , and the extent of reaction ξ. The molar Gibbs energy G of the system is expressed by
Initially, an off-equilibrium situation is given with k mol parent phase and (1-k) mol product phase per mole of substance. The initial mole fraction in the α-phase is denoted by x α,ini , in the β-phase the mole fraction amounts to x β,ini . Mass balance is formulated as
This mass balance acts as constraint when minimizing the Gibbs energy. The Lagrangian Λ follows as
The Gibbs energy minimum can be found by setting partial derivatives of the Langrangian to zero
The result of this procedure is the well-known common tangent construction to the Gibbs energy curves (5) see, e.g., also the work of Purdy and Brechet [9] . Gibbs energy minimization is the standard procedure to find the equilibrium conditions in a closed system at constant temperature and pressure constrained by mass balance. Recently, Koukkari et al. extended this procedure by considering further constraints [10] . 
menting the measured kinetics of this reaction as an additional constraint. This procedure is applicable to the wide field of process engineering. Consequently, the state of the art of computational thermodynamics is focused on finding phase equilibria from experimental data as well as ab initio calculations based on this thermodynamic principle, see also the textbook by Lukas et al. [11] . This theory is useful for calculating the kinetics of phase transformations in case that local equilibrium is assumed to prevail at the migrating interface, see, e.g., [1] and references cited therein. In addition to Gibbs energy minimization, however, equations are required which describe the evolution of the system in time. Entropy production due to diffusion in the parent and the product phase has to be considered. The gradient of the chemical potential of a component i, ∇ − μ i can be seen as a driving force assumed to be linearly related to the corresponding flux, here the flux j -i (6) with L ik being the Onsager coefficients.
In the framework of SI-LE models the actual position of the interface follows from assuming local equilibrium at the interface, considering the constitutive equations, eq. 6, and by obeying the mass balance equations.
Maximum entropy production
The principle of maximum entropy production enables finding the equations by which the evolution of the system is described. As temperature and pressure are assumed to be constant in the system at least for a limited period of time, the search for the maximum in entropy production can be shifted to that for maximum Gibbs energy dissipation Q. In linear non-equilibrium thermodynamics, the dissipation Q in a system with n degrees of freedom is given by a quadratic form of the rates q ؒ i (7) with B ik being a positive, definite coefficient matrix.
The total molar Gibbs energy in the system is a function of the characteristic variables, G = G(q 1 , … ,q n ). By applying the chain rule the rate of change of molar Gibbs energy, G ؒ , appears as
The Gibbs energy dissipation Q must be equal to the negative rate of change of Gibbs energy
The principle asserts that the rates q ؒ i of the characteristic variables q i , correspond to a maximum of Gibbs energy dissipation Kinetics of diffusive phase transformations 1107
It is worth mentioning that Gibbs energy minimization expressed by eq. 4 and maximum Gibbs energy dissipation, cast into mathematical terms by eq. 10 require a similar treatment. The equilibrium conditions of the system follow from eq. 4, the constraint, eq. 2 and possible further constraints, see Koukarri et al. [10] . The evolution equations of the system can be derived from eq. 10a and the corresponding constraints are formulated in eqs. 9 and 10b.
The Lagrange multiplier λ equals -2, as can be demonstrated by maximizing the dissipation Q constrained by the Gibbs energy balance, see Svoboda [12] .
Thus, the n-eqs. 10 can be rewritten as (11) The evolution equations of the system, i.e., the linear relations between the rates of the characteristic variables and the driving forces follow from eq. 11.
By means of this principle of maximum entropy production, the linear relations between the fluxes of the components and the gradients of the chemical potentials (see eq. 6) can, e.g., be derived as demonstrated in [13, 14] . In [13] , the Onsager coefficients L ik are derived by means of this principle with respect to the atomic mobilities of the individual components, whereby constraints among the fluxes as they occur during vacancy-mediated substitutional diffusion, are considered.
In addition to diffusion processes in the bulk phases, Gibbs energy dissipation due to the migration of the interface might be another rate-controlling mechanism during solid/solid phase transformations as already mentioned in the introduction. In the following it will be demonstrated that the contact conditions at such a migrating SI-FM can be calculated by applying the principle of maximum entropy production, see also [5] . These contact conditions differ from those obtained by assuming local equilibrium at the migrating interface. The rate of change of Gibbs energy in the system, which is considered to be the migrating interface in the limit of zero volume of bulk phases, follows from [5] as The corresponding dissipation due to lattice rearrangement reads as (13) with M being the mobility of the interface. In case that the fluxes due to lattice vacancies are negligible, the fluxes of the substitutional components in the β-phase (each phase) are constrained by (14) Inserting eqs. 12, 13, and 14 into eq. 11 yields 
and that the interface velocity is linearly related to this jump of the chemical potential
APPLICATION TO DIFFUSIVE PHASE TRANSFORMATIONS

Local equilibrium
As an example, the energetic situation at the austenite (γ)/ ferrite (α) interface in the binary Fe-Mn system is investigated and represented by a molar Gibbs energy diagram, Fig. 1 . The thermodynamic quantities of the pure components Fe and Mn were compiled by Dinsdale [15] , data for the binary Fe-Mn system were taken from Huang [16] . Initially, an off-equilibrium situation is assumed with k = 0. 
Finite mobility
The energetic situation at the interface differs from equilibrium in case that a finite interface mobility M is considered. As demonstrated above, the jump of the chemical potentials of the components is equal after an initial transition stage and deviates from zero prior to equilibration. The kinetics of the austenite-to-ferrite transformation in the Fe+Mn system may serve as an example. The temperature is set to 1110 K, and the initial mole fraction x Mn equals 0.01 in both phases. The energetic situation is presented for a thermally activated interface mobility M = M 0 exp(-Q M /RT) with a pre-exponential factor M 0 = 4.1ؒ10 -10 m 2 s kg -1 and an activation energy Q M = 1.4ؒ10 5 J mol -1 for a transformation time t = 10 s in Fig. 1 . It has to be stated that the interface mobility used here is far below the values of a realistic interface mobility in iron, as the computing time increases drastically for higher interface mobilities. However, the influence of a finite mobility can at least be investigated qualitatively. The tangents to the Gibbs energy curves are already almost parallel, i. Kinetics of diffusive phase transformations 1109
The kinetics of the austenite-to-ferrite phase transformation in Fe-C alloys cannot be modeled accurately by SI-LE models. It has been demonstrated, e.g., by Militzer et al. [17] that the kinetics of the austenite-to-ferrite phase transformation is in the beginning controlled by the rearrangement of the lattice, however, bulk diffusion processes gain importance during transformation. This semi-quantitative statement has been confirmed by modeling solid/solid phase transformations containing interstitial [18] as well as substitutional components [4] .
A two-stage kinetics of the austenite-to-ferrite phase transformation in an ultra-low alloyed steel has been observed [19] . In the first stage, the almost pure iron regions are transformed from austenite to ferrite controlled by an interface mobility which approximates the intrinsic mobility for the austenite-to-ferrite transformation in pure iron. The second stage of the kinetics could be modeled by considering bulk diffusion of carbon and assuming immobile substitutional components. Dissipation due to the rearrangement of the crystal lattice is modeled by introducing an effective interface mobility for the second stage. The interface mobility used in SI-FM models is usually an effective mobility, and mayin contrast to the thermally activated intrinsic mobility-decrease with increasing temperature [20] . It has to be stated that the effective mobility is used as a crutch to account for dissipation due to diffusion processes in the interface. It is evident that these diffusion processes cannot be considered within the framework of sharp interface models.
Thick interface
Diffusion processes in the interfacial region may alter the contact conditions at the migrating interface. Thus, the tangents or-in case of ternary alloys-the tangential planes to the Gibbs energy surfaces of both phases are no longer parallel. Hillert and Rettenmayr [21] discussed several energetic situations at a migrating interface, which can be observed in case of a finite interfacial region. Recently, a robust thick interface model has been developed based on the principle of maximum entropy production [8] . Both the evolution of the system to a steady state or to equilibrium have been simulated by this model in order to study the kinetics of the austenite-to-ferrite phase transformation. The initial chemical composition is set to x Cr = 0.01 and x Ni = 0.015 in both phases and the temperature in the system T = 1060 K. That means that ferrite (α) has to be formed at the expense of austenite (γ) as the initial composition is near the α/(α + γ) phase boundary in the one phase region α. The energetic situation occurring at the migrating interface is investigated based on the three different models (SI-LE, SI-FM, and TI-FM) discussed above. Local equilibrium at the migrating sharp interface means that the jumps of the chemical potentials of the components are zero (Fig. 2a) , or, in other words, that the interface mobility is infinitely high and no Gibbs energy is dissipated during the formation of the α -crystal from the γ-crystal. The energetic situation is different in case of a migrating sharp interface with a finite mobility. The jumps of the chemical potentials [[μ i ]] become equal, but deviate from zero before equilibration (Fig. 2a) . The difference of the chemical potentials Δμ i across the migrating thick interface become all constant after an initial transition time, but are far from being equal in contrast to results obtained from sharp interface models (Fig. 2b) .
Thus, a massive transformation occurs for these conditions (T = 1060 K, x Cr = 0.01, x Ni = 0.015). For temperatures above 1065 K (in this case, the initial composition lies at the ferrite/(austenite+ferrite) phase boundary) the mechanism of the transformation turns from interface-reaction to bulk diffusion controlled.
The equal jump condition of the chemical potentials as it results from the SI-FM approach means that a massive transformation can only occur when the initial composition of the homogeneous specimen is in the product phase region. Diffusion processes in the interface that are considered by a TI-model allow the differences of the chemical potentials of the components across the interface not to be equal, as shown in Fig. 2b . It seems to be necessary to account for these diffusion processes in the interface since experimental results indicate that the massive transformations may occur in the twophase region [22, 23] . This topic, however, requires further and more detailed investigation in the future.
CONCLUSIONS AND OUTLOOK
The principle of maximum entropy production (Gibbs energy dissipation) can be used to derive the rate equations of the characteristic parameters during processes like diffusion, phase transformation, heat conduction, and so on. This thermodynamic extremum principle, although far less exploited than Gibbs energy minimization, is a versatile tool to predict the evolution of microstructures during, for example, coarsening or phase transformations. Future work will be focused to apply this principle of maximum dissipation to further problems in materials science. The theoretical findings have to be evaluated by comparison with experimental results.
